Abstract Dynamic strain ageing has been observed on straining a Mg-Y-Zn-Gd alloy in both the quenched and the annealed states, where long-period-structural-order phase and solution or precipitation of Gd is found. Deformation mechanisms are analysed in terms of solute diffusion to mobile dislocations, the role of excess vacancies and the presence of a Taylor dislocation network. In quenched material, the operation of multiple deformation modes leads to the creation of a three-dimensional (Taylor) dislocation network such that pipe diffusion along forest dislocations can readily lead to pinning of a moving dislocation. The many planar precipitates present in annealed material inhibit non-basal flow such that the Taylor dislocation network does not form and bulk diffusion of solute is required for flow serrations to appear.
Introduction
There is presently considerable interest [1] in the development of Mg alloys containing rare earth additions, such as Y or Nd together with transition metals such as Zn that lead to the formation of LPSO phases [2] [3] [4] [5] , or such as Gd that forms a variety of Mg-Gd precipitate phases [6] [7] [8] [9] [10] . Both alloy families show very high strength with reasonable ductility, with composite-like alloys composed of a Mg matrix with large volume fraction of second phase receiving most attention [11, 12] . Factors such as precipitation kinetics and second phase evolution during heat treatments [6] [7] [8] [9] [10] [13] [14] [15] [16] , and changes of microstructure and texture during thermomechanical processing [17] [18] [19] [20] [21] are receiving most attention. Other studies are examining deformation mechanisms within the matrix and second phases [12, [21] [22] [23] [24] to understand how strengthening is achieved.
Several studies have examined plastic deformation at high temperatures [5, 8, [21] [22] [23] [24] [25] , where such alloys may find application, and one reported characteristic is the onset of flow stress serrations when straining at intermediate temperatures [26] [27] [28] [29] . This phenomenon is known as the Portevin-Le Chàtelier (PLC) effect [30] [31] [32] [33] [34] and is a consequence of a negative strain rate sensitivity, generally brought about by dynamic strain ageing (a temporary locking of dislocations by solute accretion). A typical characteristic of the PLC effect is the onset of serrations, at intermediate temperature, after deforming to a critical strain, e C which depends on straining rate, _ e and test temperature, T. The relationship describing the phenomenon is generally written:
This equation is developed from an original analysis by Cottrell [30, 31] and considers that vacancies produced during deformation (related to the parameter m) will allow solute to diffuse more quickly onto dislocations moving more slowly as their density increases (related to the parameter b). Q S defines solute mobility, making use of the high density of vacancies available. Even though this equation is still widely used, the mechanism understood to control strain ageing is now believed [33] to be solute diffusion along forest dislocations pipes which intersect the mobile dislocation segment: Q S now represents pipe diffusion, while b still defines the rate of increase in density of & G. Garces ggarces@cenim.csic.es both mobile and forest dislocation segments, with m having no clear meaning. Such ideas have been extended also to consider static strain ageing [35, 36] . It is emphasised at this point that the theory described applies to dislocation pinning brought about by the movement of substitutional solute, which depends on vacancies for such movement. While dislocation pinning by interstitial solute movement may be important in other alloy systems, for C solute in bcc Fe, for example, there will then be no dependence on vacancy concentration and the model described, with its dependence on critical strain, will not be valid. Several studies of flow serration, the PLC effect, when deforming Mg-rare earth alloys have been reported [26] [27] [28] [29] . The effect is typically found at test temperatures of 150-250°C for strain rates of 10 -4 -10 -3 /s, and is accompanied by the usual stabilisation of flow stress over this temperature range, with often an increase in ultimate tensile stress, and either reduction or increase of ductility [37, 38] . Zhu et al. [26] found both static and dynamic strain ageing in a Mg-Y-Nd alloy tested at intermediate temperatures, explaining this as a consequence of the diffusion of Y-Nd solute. Gao et al. [27] found similar flow serrations on deforming a Mg-Gd alloy, quenched from high temperature to retain the Gd in solution, and explained the effect by Gd diffusion. Another study by Wu et al. [28] found flow serrations in a Mg-Gd-Zn alloy only when coarse Mg-Gd-Zn precipitates were present, but not when the Gd and Zn were retained in solution, explaining this by the fracture of coarse precipitates during deformation. Yet another study by Cai et al. [29] examined a Mg-Dy-Zn alloy that contained LPSO precipitates of the 18R phase in the as-cast state, which transformed to the 14H phase after long anneals: similar flow serrations were observed for both material states, but somewhat confusingly these were ascribed to solute diffusion when the 18R phase was present but to particle fracture when the 14H phase was present. In all the reported studies, the characteristic parameters of the PLC effect were determined using Eq. (1), leading to a value of m ? b of 2.2-2.8, and activation energy Q S of 75-85 kJ/mol: consistent with this, the Cottrell model would suggest an m value of about 2, a b value of 0-1 and a Q S value (as Q M or Q P ) of 0.5-0.6 Q SD , where Q M , Q P and Q SD are the activation energies for solute mobility, for pipe diffusion and for self diffusion in Mg.
Many studies have examined stress serrations during warm deformation of Mg-rare earth alloys [26] [27] [28] [29] [39] [40] [41] [42] and have all considered that it is the diffusion of the substitutional rare earth element that is responsible for dislocation locking. Strong evidence for this conclusion is the absence of serrations in alloys without the rare earth additions. Consistent with this, studies by the present authors on a range of Mg-base alloys that did not contain rare earth additions have confirmed the absence of serrations when tested under similar temperature and strain rate conditions. Such alloys should contain a similar amount of (impurity) interstitial elements, such as C, N or O, as do the rare earth containing alloys and confirm that it is not any interstitial solute that is responsible for the dislocation pinning. While some Mg-base alloys that do not contain rare earth elements may sometimes show serrations when tested under the correct temperature and strain rate conditions, e.g. [43] , in such cases the dislocation locking has been associated with the influence of the substitutional additions on enhancing the generation of forest dislocations, with vacancies accelerating the movement of either large-atom or small-atom solute additions. The suitability of the substitutional solute model and Eq. (1) is thus confirmed.
The present study examines the characteristics of flow stress serrations in a Mg-Y-Zn-Gd alloy, which shows very high strength with good ductility since strengthened by LPSO phase as well as by Mg-Gd precipitates. The study of quenched material, with Gd retained in solution, and aged material containing Mg-Gd precipitates, allows the examination of the respective roles of solute, LPSO phase and Mg-Gd precipitates.
Experimental
The material studied has a composition of Mg-6.7 %Y-2.4 %Zn-6 %Gd (wt%) (Mg-2 %Y-1 %Zn-1 %Gd-at.%), designated WZ72Gd, and was prepared by melting in an electric furnace under a protective salt flux using high purity Mg and Zn elements and Mg-Y and Mg-Gd master alloys. Ingots were cast into a steel mould of diameter 42 mm for extrusion to 10-mm diameter bar (reduction ratio 18:1) at 350°C and a ram speed of 30 mm/min. They were subsequently homogenised in a magnesia bed for 8 h at 535°C and cooled either by an oil quench (designated state Q) or by a slow furnace cool at 10°C/min (designated state SC). Tensile testing was carried out on round section samples of gauge diameter 3 mm and length 20 mm at temperatures from room temperature to 300°C at strain rates from 4 9 10 -5 to 2 9 10 -3 /s. Microstructure was examined by scanning and transmission electron microscopy (SEM and TEM) using preparation techniques and equipment as detailed elsewhere [12, 21] . The grain size of the extrudedhomogenised material was determined by counting about 100 grains from scanning electron micrographs obtained in back-scattered electron images. Statistical analyses were carried out on such images using the Sigma Scan Pro software to determine the volume fraction of LPSO phase, examining many grains in an area of size close to 1 mm 2 .
Results and discussion

Material microstructure
Typical microstructures of material in the two starting states are shown in Fig. 1 . Following extrusion and the homogenising anneal the material was fully recrystallized with a matrix grain size of about 200 lm. Blocky LPSO phase decorates the original inter-dendritic regions, broken by thermomechanical processing to fragments typically about 5 lm thick and 50 lm long, see Fig. 1a , with a wide dispersion of both thickness and length. The volume fraction of LPSO phase was measured as 18 and 14 % for the SC and Q states. These particles, identical in both material states, were shown to have the 14H structure, see diffraction pattern in Fig. 1b . The Q material had no precipitates inside the Mg grains, see Fig. 1b , but SC material had long, lamellar precipitates about 2-5 nm thick, see Fig. 1a , c, similar to the c 00 and c 0 precipitates studied by Nie et al. [9] in a Mg-Gd-Zn alloy. Chemical analysis of the Mg matrix by energy dispersion spectroscopy in the TEM confirmed the greater amount of solute for the Q state (1.7 %Y-0.65 %Zn-0.9 %Gd) than the SC state (0.9 %Y-0.2 %Zn-0.7 %Gd: at.% throughout).
Tensile behaviour and flow stress serrations
Tensile testing at temperatures between room temperature and 300°C confirmed that these were high-strength Mg alloys with good ductility at all temperatures. Tests carried out at temperatures between 130 and 210°C showed flow serrations for all the strain rates used, with the serrations beginning after the critical strain, e C and increasing subsequently in magnitude, see Fig. 2 . The serrations were similar in shape and magnitude for both material states, showing the expected earlier onset at slower strain rates and higher temperatures. It was difficult to identify the point of initiation of serrations since these began with very low stress magnitude, and hence flow stress curves were examined in detail to detect the first serration, of magnitude 1-3 MPa.
The flow and ultimate tensile strengths decreased steadily over the temperature range examined, see Fig. 3 , but maintained a steady plateau value over the temperatures where serrations were observed. Ductility also remained essentially steady over this range. The Q material had a lower flow stress than the SC material at the low temperatures but showed no age hardening during tensile testing at any temperature. The SC material, stronger at the low temperatures, softened when tested at temperatures above the range where the PLC effect was seen to reach strengths similar to the Q material. The dynamic strain ageing data were analysed using the standard Cottrell equation discussed earlier, relating the variation of critical strain, e C to changes of strain rate and test temperature. Examples are shown in Fig. 4 for both materials. In all cases the data were well described by Eq. (1), leading to the values of (m ? b) and Q S given in Table 1 . The parameter m ? b is seen to have a ''reasonable'' value (3.0) for the Q material but an ''excessively high'' value (4.3) for the SC state. At the same time, the activation energy Q S is ''reasonable'' for the Q material (77 kJ/mol) but is ''very high'' (156 kJ/mol) for the SC material. Bearing in mind the activation energy for bulk/ self diffusion in Mg (&135 kJ/mol), the first value may be considered as consistent with pipe diffusion or solute mobility (Q P & Q M & 0.5-0.6 Q SD ), while the second value is close to the value expected for bulk or self diffusion. Values close to 77 kJ/mol have been reported previously for the PLC effect in Mg alloys [26] [27] [28] [29] , while much larger values have not been reported previously.
Most of the tensile testing was conducted at either a fixed temperature of 165°C with varying strain rates or at a fixed strain rate of 4 9 10 -4 /s with varying temperatures, as shown in Figs. 2, 3, 4 . While the limited availability of bar material prevented a complete examination of all strain rate-temperature combinations, the few tests carried out with other fixed temperatures and other fixed strain rates were sufficient to indicate a very weak dependence of the exponent m ? b on temperature and a very weak dependence of activation energy on strain rate. This weak dependence is also suggested by the various literature studies on Mg alloys with rare earth additions [26] [27] [28] [29] , where only small changes of exponent and activation energy are seen when materials are tested at temperatures between 165°C (here) and 250°C, and at different strain rates between 4 9 10 -4 /s (here) and 1 9 10 -3 /s.
Interpretation of flow stress serrations
Previous studies of flow stress serrations in Mg alloys with additions of rare earth elements [26] [27] [28] [29] [39] [40] [41] [42] have explained these as being due to the fracture of precipitate plates [28, 29] or due to solute migration [26, 27, [39] [40] [41] [42] , this latter as expected by the standard models [30] [31] [32] [33] . In the present case, detailed metallographic examinations by both SEM and TEM have provided no evidence of particle fracture, of neither the coarse LPSO particles nor the fine c 00 -c 0 Mg-Gd precipitates. The LPSO particles, which have the same 14H structure as those fracturing in a previous study [29] , are possibly too thick and strong to be broken during tensile testing, especially after the prior processing by extrusion and heat treatment. As such, it is concluded that it is solute diffusion to the moving dislocations that leads to dislocation pinning and the subsequent serrations.
Examination by TEM of the dislocation structures generated by tensile straining the Q material, see Fig. 5a , shows a relatively typical Taylor-like dislocation arrangement with interacting dislocations on several slip planes and systems. There will be many forest dislocations cutting any moving dislocation, and temporary halting at obstacles can be expected, allowing solute transfer by pipe diffusion-as outlined in the Kubin-Estrin model [33] .
Relatively low values of the parameters m ? b and Q S will hence be found. The equivalent examination of SC material, see Fig. 5b , c, shows a greater tendency to planar dislocation flow down channels in the Mg matrix defined by the close and parallel c 00 -c 0 precipitates, see also Fig. 1c . Figure 5b shows the planar dislocation arrays and (arrowed) some of the precipitates what are inclined in the foil and seen as fault fringes. Figure 5c shows more clearly some extrinsic dislocations at the precipitate-fault interface which are presumably accumulated during deformation of the matrix sandwiched between the precipitates. For this material, significant cross slip from the basal planes and the operation of non-basal slip systems will be hindered since these dislocations will intercept the planar c 00 -c 0 precipitates and accumulate there, and only basal plane dislocations can operate freely. In this sense we can consider that the planar precipitates are more effective in imposing planar dislocation flow than any effect (on cross slip, for example) of solute in the solutionised material, an effect that has been suggested elsewhere [43] . There will thus be fewer forest dislocations acting as obstacles and rapid-diffusion paths, and we can expect that pinning of a mobile dislocation will occur by solute diffusion within the Mg matrix. It is difficult to define the expected value for m ? b, which depends on the variation of mobile dislocation density relative to that of forest dislocations [33, 43] , but the expected value of Q S will be that of solute diffusion in the Mg matrix. For the large (Y,Gd) atoms important here, this activation energy may well be greater than that of Mg self diffusion. The value of Q S determined (see Table 1 ) is fully consistent with this argument. The mechanisms described above leading to flow stress serrations in the quenched and slow-cooled materials are certainly simplistic and incapable of accounting for all alloy and microstructural variations. It is well known, for example, that the large Gd and Y atoms in the Mg matrix will tend to couple with the smaller Zn atoms [9] and hence solute diffusion will be more complex and slower than otherwise expected. Pipe diffusion along the forest dislocations will still be relatively rapid in the quenched material but bulk diffusion in the matrix of the slowly cooled, precipitated material will be much slower. At the same time, the formation of the Taylor dislocation network in the quenched material has been associated with the operation of cross slip and/or non-basal slip modes during deformation, but it is precisely in the quenched material that the solute content is higher, stacking fault energies are lower, and cross slip would be expected to be more difficult [43] . Sufficient cross slip or non-basal slip activation clearly occurs in the quenched material to allow the Taylor network to form, but the lamellar precipitates in slowly cooled material appear to play a dominant role in inhibiting such multiple deformation mechanisms, thereby preventing the formation of the Taylor network. At the same time, any dislocations emitted from the Mg grain boundaries or from the Mg-LPSO interface may contribute to the build up of the Taylor network in the quenched material, but have little effect in the slowly cooled material since the many c 00 -c 0 precipitates will inhibit the propagation of such non-basal dislocations.
Summary
The Mg-base alloys studied show good strength with ductility over a wide temperature range, with the plateau of strength and ductility at intermediate temperatures coinciding with the appearance of flow stress serrations known as the PLC effect. Similar serrations are seen for material in the quenched state and the slowly cooled state. The first has no precipitates inside the Mg grain-LPSO-block composite, while the second has many fine lamellar precipitates inside the Mg grains. There is no evidence of particle cracking during mechanical testing, and the good ductility recorded does not suggest easy material fracture. The clear Mg grains in the quenched material are free to deform, presumably mostly by basal slip as for typical Mg-base alloys, but cross slip and non-basal slip also occur and a three-dimensional dislocation network (Taylor network) will build up. The high solute concentration, as well as quenched-in excess vacancies, means that only solute migration along the many forest dislocation pipes is required for dislocation locking, as described in the Kubin-Estrin model [33] , characterised by a low value of activation energy Q S . In the slowly cooled material, the high density of precipitates on the basal planes permits basal slip down the inter-particle channels but makes all non-basal slip much more difficult. As such a three-dimensional Taylor network of dislocations does not build up, and the Cottrell model [30, 31] will be /s at 200°C; a Q material; b and c SC material. Some of the lamellar precipitates, seen with fringe contrast, are indicated by arrows in b. c shows some dislocations at the precipitate interface accumulated during deformation of the matrix more valid for describing the onset of serrations: in the absence of dislocation intersections there will be fewer new vacancies generated and the appearance of serrations will require the diffusion of solute inside the Mg grains onto the freely moving basal dislocations.
The complex microstructures of the quenched or slowly cooled materials, involving Mg grains and fragmented blocky LPSO particles, with Y, Zn and Gd present in solution or as planar precipitates, affect both the tendency to cross slip and the activation and propagation of non-basal slip mechanisms which, together, promote or inhibit the formation of a three-dimensional Taylor dislocation network. Such networks determine the susceptibility to flow stress serrations. A better understanding of the important parameters controlling such serrations requires additional experimentation with carefully controlled variations of the important microstructural features.
